The description of the dependence of steady-state creep rate on applied stress and temperature is almost invariably based on the Norton equation or on derived power-law relationships. In hot working, the Norton equation does not work, and is therefore usually replaced with the Garofalo (sinh) equation. Both of these equations are phenomenological in nature and can be seldom unambiguously related to microstructural parameters, such as dislocation density, although early efforts in this sense led to the introduction of the "natural power law" with exponent 3. In an attempt to overcome this deficiency, a recent model with sound physical basis has been successfully used to describe the creep response of fcc metals, such as copper. The main advantage of this model is that it does not require any data fitting to predict the strain rate dependence on applied stress and temperature, which is a particularly attractive peculiarity when studying the hot workability of metals. Thus, the model, properly modified to take into account solid solution strengthening effects, has been here applied to the study of the creep and hot-working of simple Al-Mg single phase alloys. The model demonstrated an excellent accuracy in describing both creep and hot working regimes, still maintaining its most important feature, that is, it does not require any fitting of the experimental data.
Introduction
Although single-phase Al-Mg alloys have limited industrial relevance as creep-resistant alloys, their creep response has been analysed in many papers. A non-exhaustive picture of the extensive coverage of creep of Al-Mg alloys can be obtained, for example, from the relevant chapters in [1] [2] [3] . The cause for this interest can be traced back to the simple nature of these materials, since their microstructure constitutes a good case study to identify the main creep mechanisms and separate their relative contributions to creep response in solid solutions.
In most cases, the secondary creep rate ( . ε) dependence on applied stress (σ) and the temperature (T) of single-phase alloys has been described by the conventional power-law and Arrhenius equations, in the form
where A is a material parameter, k is the Boltzmann constant, G is the shear modulus, b is the length of the Burgers vector, and R is the gas constant (all the symbols used, and, where relevant, their values, are listed in Table 1 ). D 0 in Equation (1) is the pre-exponential factor in the Arrhenius form and Q is the activation energy for the relevant diffusional mechanism (self-diffusion or diffusion of Mg atoms in Al). In pure Aluminium the stress exponent n is close to 4.4-5; however, above a certain stress level, power-law breakdown occurs, and the slope of the curve describing the strain rate dependence on applied stress in double-log coordinates increases progressively with the stress level applied.
This behaviour, which is associated to a stress exponent in the power-law regime close to 5 and an activation energy equivalent to that for vacancy diffusion, identifies "class M" (Metal) materials. The addition of Mg results in a more complex dependence of the secondary creep rate on applied stress. The stress exponent in the low stress regime is close to 4-5, it then becomes 3 in an intermediate stress range, and again, 4-5 before power-law breakdown [4] [5] [6] . This behaviour ("class A") is generally interpreted by invoking the fact that, since glide and climb of dislocations occur in sequence during high-temperature deformation, the slower is rate controlling. In pure metals, glide is always faster than climb; therefore, the latter is, without exceptions, the rate controlling mechanism. In class A materials, glide is substantially slowed down by the formation of clouds of solute atoms around dislocations, and is, consequently, the rate controlling factor in the intermediate stress regime, leading to n = 3 and to an activation energy that is equivalent to the activation energy for diffusion of Mg atoms in Al. It is only when climb is very slow (in the low stress regime) or when the solute atoms no longer play any role, since dislocations have broken away from their atmospheres (in high stress regime), that the stress exponent is 4-5 and a class-M behaviour is apparent. The explanation of the phenomenology of creep in Al-Mg alloys, which are very synthetically outlined above, and the use of power law to describe related experimental data are generally taken for granted. Yet, the power law is phenomenological in nature, and, for this reason, alternative approaches have been sought to introduce a set of constitutive equations more directly, based on the underlying physics. The recent work by Fernández and González-Doncel [7] , which deals with a unified model for the description of creep in Al-Mg alloy, is just one of the many examples. In this line of thought, Sandström proposed another set of equations for fcc metals, which, in his intent, should not require any best-fitting of experimental creep or mechanical data, being based only on a number of physical and microstructural pre-determined parameters [8, 9] . The resulting basic model was developed to describe creep phenomena, but has been also successfully applied to high temperature constant strain rate experiments [8] . Since the analysis of the hot-working response of metals is based on compression or torsion constant-strain rate experiments, the use of Sandström's set of equations to predict the material behaviour in this envelope of experimental conditions seems to be a straightforward step. This reasoning has led the authors of this paper to apply the basic model to Al-Mg single-phase alloys, with a major emphasis on the description of the high-temperature conditions typical of hot-working operations.
The Model
The model, originally developed for Cu, is based on physically-derived equations, which will be here illustrated for a simple Al alloy, possibly containing elements in solid solution.
Free dislocation density (ρ) [10] is usually related to applied stress by the well-known Taylor equation, written in the form
where m is the Taylor factor and σ d = αmGbρ 1/2 is the dislocation hardening term. The term σ i represents the strength of pure annealed metal, that is, the stress that is required to move a dislocation in the absence of other dislocations, while α is a constant. In solid solution alloys, the viscous drag of dislocations is thought to reduce dislocation mobility and control creep response in a wide interval of applied stresses. The term σ ss thus represents the stress required for dislocations to move by viscous drag in the presence of solute atom atmospheres. The evolution of dislocation density during straining can be expressed as [9] 
where ω is a constant, τ l is the dislocation line tension (τ l = 0.5Gb 2 ), M is the dislocation mobility, and L is the dislocation mean free path, i.e., the distance travelled by a dislocation before it undergoes a reaction, customarily expressed as
C L being the strain-hardening constant. The first term on the right-hand side of Equation (3) represents the strain hardening effect due to dislocation multiplication, which is more rapid when L, and, consequently, C L assume low values and/or the dislocation density is high. The second and third terms on the right-hand side of Equation (3) describe the effect of dynamic recovery. Since, at high temperature, the last term of Equation (3), which includes an Arrhenius-type dependence on T, largely predominates on the second term, which is roughly a-thermal, and the main emphasis in this study is on describing high-temperature behaviour (T > 500 K), Equation (3) can be simplified to become
The dislocation climb mobility in a pure metal, according to Hirth and Lothe [11] , is
To describe the creep results obtained in the high strain rate regime, which are characterised by higher stress exponents and lower values of the activation energy for creep, the model has been further modified to take into account another mechanism, the glide of dislocations through an obstacle field [12] . Thus, the glide mobility was described by a phenomenological equation in the form
where R max , which depends on material structure, is the flow stress that is required to plastically deform the material in the absence of thermal activation and Q g is the activation energy necessary to overcome the obstacle field. Recent studies [9, 13] showed that Equation (7) works very well for pure Cu and Al with p = 2 and q = 1, with R max equivalent to the true stress corresponding to the ultimate tensile strength of the material considered, roughly quantified as 1.5R uts , where R uts is the ultimate tensile strength. During viscous glide in solid solution alloys, solute atoms have to jump in and out of the atmospheres that spontaneously form around dislocations. Thus, an additional term describing the energy needed to overcome this barrier must be added to the activation energy. This additional term has the form [14] 
with
where ν is the Poisson's ratio (=0.3 in Al), Ω is the average Al-atomic volume, and δ Mg is the volume atomic misfit (details about Ω and δ Mg are given in [14] ). The combination of Equations (5)-(8) [9, 13, 14] gives the following relationship for climb and glide mobility, to be used for M into Equation (5):
where D cg = D 0cg exp(−Q cg /RT) is the appropriate diffusion coefficient. At steady state, Equation (5), combined with Equations (2) and (4), gives
The model based on Equations (9) and (10) requires the determination of C L (C L = 86 in pure Al [13] ) and of two of the terms in Equation (2), namely σ i and σ ss .
In the case of pure Al, the determination of σ i , which is temperature and strain rate dependent, was based on the assumption that the dislocation density in annealed state (ρ a ) and the σ i values account for the annealed yield strength of the pure metal [15] . The yield stress is thus given by Equation (2) (which is general, and holds for any single stage of the stress vs. strain curve) [15] , where ρ a is virtually nihil. The traditional way of describing the temperature dependence of yield strength is to assume that, in the creep range, yield strength is proportional to creep strength, whereas below the creep range yield strength is proportional to shear modulus. On these bases, for pure Al, the following expression has been used in [13] 
where σ creep is the creep stress that corresponds to a given steady-state creep rate. The A y constant (A y = 4.2 × 10 −3 [13] ) was determined so as to obtain a reliable estimate of the yield strength of high-purity Al at room temperature by Equation (2) . An equation for solid solution strengthening stress was given in [14] , in the form 
with z 0 = β/bkT [14] . Figure 1 plots the steady-state creep rate as a function of stress for Al 99.999% [16] and the model curves given by Equations (10) and (11) with C L = 86, U ss = 0, Q cg = Q sd = 122 kJ·mol −1 , and D cg = D 0sd = 8.34 × 10 −6 m 2 ·s −1 [13] . The original Figure in [13] was obtained by taking ω = 15; in this study, the value ω = 0 was used, which demonstrates that the simplified model of Equation (5) still works very well. The diffusion coefficient was recalculated in [13] by considering all the data reported in [17] . The basic model gives a very good description of the experimental data for the pure metal, without any need for data fitting, and, for this reason, it is an excellent basis for the implementation of the analysis of Al-Mg alloys. [16] ; the curves were calculated by Equations (10) and (11) with C L = 86, ω = σ ss = U ss = 0.
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Diffusion Coefficient
The typical value of the diffusion coefficient parameters for the diffusion of Mg in Al is D 0Mg = 1.24 × 10 −4 m 2 ·s −1 , Q sd = 130.5 kJ·mol −1 [18] . The accuracy of this estimate was challenged in a recent work [19] , which reported a wide collection of literature results on the diffusivity of Mg in Al, which is illustrated in Figure 2 . A good fitting is obtained with Q sd = 119 kJ·mol −1 and D 0sd = 1.9 × 10 −5 m 2 ·s −1 , which actually give a curve very close to the one from [18] . 
Drag Stress Calculation and Experimental Datasets on Dislocation Density and Strain Rate
Microstructural data, namely dislocation density variation with applied stress, and previous results on pure Al, will be used to evaluate the accuracy of the model in estimating solid solution stress. Equation (2) can be rewritten as
Figure 3, which collects data from different sources [20] [21] [22] , shows that the experimental value of the dislocation density in Al-Mg is somewhat lower than in pure Al. This behaviour is fully consistent with Equation (15) due to the presence of drag stress. Thus, dislocation density could be properly modelled, as long as the calculated value of drag stress is sufficiently reliable. To proceed in this direction, it is necessary to estimate the dislocation velocity, which can be expressed by combining the well known Orowan equation
with Equation (11), giving Figure 3 . Experimental values of the dislocation density as a function of stress for Al-3%Mg [20] [21] [22] , Al-4%Mg [21] , Al-5%Mg [21] , and Al-6.9%Mg [20] . The shaded area, which illustrates the scatter band for Al-Mg alloys, was reported in [22] . The Figure also plots the model curve for pure Al [13] and for Al-Mg alloys (3.24% and 5.5%Mg at 600 and 623 K, respectively).
The combination of Equations (13) and (17) gives
or
where
The diffusion coefficient for climb and glide D cg can be considered to be equivalent to the self-diffusion coefficient of Al. Once the value of the ultimate tensile strength of the different Al-Mg alloys is quantified (with the above-mentioned assumption, R max = 1.5R UTS ), all of the parameters in Equations (10), (12) , and (19) are known. The model curves presented in Figure 3 were thus calculated by Equations (15) and (18) . Since the agreement between the curves and the experimental data is excellent, a direct and independent confirmation that the estimation of the drag stress is sufficiently reliable to be used in the model for the steady-state creep rate dependence on applied stress is obtained. Figure 4 shows the sets of experimental creep data used in this study. The first dataset [4] presents the creep rate at an applied strain of 0.2, i.e., reasonably close to the steady state, at a constant temperature, for different Mg contents (Figure 4a ). Although being limited to a single temperature, the dataset represents the classical case study, since the three traditional regimes can be easily recognised. Figure 4a clearly shows low stress Regime I, where creep is thought to be climb-controlled (n = 4-5). Above a transition stress σ c , the rate-controlling mechanism should be viscous glide (n = 3). It is only when the applied stress exceeds a limiting value (σ s ba , frequently identified with the break-away stress, σ ba ) that dislocations are able to break-away from solute atom atmospheres and creep should again become climb-controlled (n = 4-5). The data from [4] are thus well suited to assess the accuracy of the model in describing the effect of different amounts of Mg in solid solution. The second dataset (Figure 4b ), which is related to an Al-2%Mg alloy, was obtained from [16] . This dataset is extremely useful to investigate the accuracy of the model in describing the temperature dependence of the steady-state creep rate.
Viscous-Glide Controlled Creep: Strain Rate Dependence on Stress and Temperature at T ≥ 523 K
The first analysis was focused on the data included in Regimes I and II at high temperatures. In the low-intermediate stress regime, solute atmospheres surround dislocations, exerting a drag stress σ ss . Upon substitution of the drag stress into Equations (10) and (11), the model gives the curves that are presented in Figure 5 . It is clearly shown that the model gives an accurate description of the experimental data in the low and intermediate stress regimes, although a significant deviation is observed at high stresses. This behaviour could be rationalised by considering that the model can describe the steady-state creep rate with reasonable accuracy as long as σ < σ s ba . Thus, all of the data points for σ > σ s ba represent the steady-state creep rate in conditions, in which the progressive break-away of dislocations results in a reduction of the strengthening effect of solute atom atmospheres, that is, of the σ ss term. Figure 5 . Description of the experimental data for T > 523 K from [16] by Equations (10) and (11), where the drag stress σ ss is obtained from Equations (19) and (20) .
Creep Above the Transition for Break-Away of Dislocations from Solute Atom Atmospheres
In the model presented in the previous section, the σ ss term monotonically increases with stress. By contrast, the drag effect should rapidly reduce as dislocations break-away from solute atoms. However, for stresses just above σ s ba , the solid solution stress cannot be reasonably expected to become abruptly non-existent. This behaviour would indeed result in a step in the strain rate plot that is not evident in Figure 4 . Rather, it seems more reasonable to suppose that, as stress increases above σ s ba , when the dislocation velocity exceeds a limiting value v ba , a progressively increasing fraction of the Mg atoms is expelled from the solute atmospheres. When the stress is sufficiently high that all the dislocations are free from solute atoms, the material behaves essentially like pure Aluminium-the main difference being that here the dislocation should overcome single Mg atoms, and that the alloy still creeps at a lower rate. In parallel, the homogeneous dislocation distribution typical of class A materials, which is associated to high drag stresses, is progressively replaced by a more heterogeneous distribution with substructure formation [1] [2] [3] .
If such is the situation, the drag stress can no longer monotonically increase, as predicted by Equation (13) , but, at a stress correctly identified as break-away stress (σ ba ), should present a maximum which should be larger than σ s ba . The behaviour described above was here modelled by supposing that the effect of break-away can be described by an equation in the form
where 0 ≤ F(σ) ≤ 1, σ ss being the drag stress calculated by Equation (18) A suitable phenomenological form for F is
where σ 50 is the stress for which the reduced drag stress is a mere half of the computed value of σ ss . For the sake of simplicity, it was here assumed that σ 50 ∼ = σ ba . This assumption, in turn, implies that to have a maximum in the drag stress for σ = σ ba , due to the peculiar dependence of σ ss on stress, then the exponent h should range from 2, in the high temperature regime, to 3, at 600 K. The general expression for the break-away stress was given by Friedel [23] σ ba = mτ ba = m A ba W 2 m c kTb 3 (23) where the maximum interaction energy between solute atoms and an edge dislocation can be expressed as
being ∆V a the difference in volume between solute and solvent atoms (that is, with the formalism used in Equation (8), W m is directly related to β). In Friedel's original formulation A ba = 1, giving, for example, a break-away stresses above 400 MPa for 2%Mg at 750 K, a level so high that it is hardly conceivable for this mechanism to play any role in creep. These very high values were considered by some authors [4, 24, 25] as incompatible with experimental evidence. Their analyses rather suggested that σ ba is one order of magnitude lower, that is, A ba ∼ = 0.1 [24, 25] or even A ba ∼ = 0.065 [26, 27] : this reduced value of the break-away stress will be here, denoted as σ * ba . Thus, Equation (23) was here provisionally used with A ba = 0.065, to obtain the values of the reduced drag stress σ * ss . The curves obtained by replacing σ ss with σ * ss into Equation (11) are presented in Figure 6 . (10) and (11), with σ * ss from Equations (21)- (24) . Figure 6a also shows the variation of n = ∂ log . ε/∂ log σ for the alloy with 3.24%Mg.
The model is now able to describe the material behaviour in the whole range of applied stress, and even the complex change in slope n (=∂ log . ε/∂ log σ), usually associated to the transition from Regimes I, II and III (Figure 6a ), without requiring specific assumptions on the rate-controlling mechanisms.
Examples of the variation of σ * ss as a function of temperature and applied stress are presented in Figure 7 . The reduction of the drag stress is the effect of a lower amount of Mg in the atmospheres around dislocations: c* can be identified as the amount of magnesium, still in the solute clouds, which produces a given drag stress σ * ss . The value of c*, as calculated by Equation (21) , for a single temperature and alloy is presented in Figure 8 , which also plots the corresponding σ * ss and σ ss . One of the main tasks of this study is to assess whether the Sandström basic model, modified to account for dislocation break-away, is able to also describe high-strain rate/high-temperature data, i.e., the hot working regime. Figures 9-11 illustrate the compression data (stress at 0.3 strain, roughly corresponding to the peak stress of the flow curve) for three different alloys (0.55, 2.2 and 5.5%Mg) [28] , and, for comparison purposes, other single creep datasets for 0.48%Mg [4] , 2.2%Mg [1, 29] and 5.5%Mg [1, 30] . The model curves, as calculated by following the same procedure discussed above, i.e., by replacing σ ss with σ * ss , provide an excellent description of the experimental data (the average error is the stress estimation for a given strain rate is 11, 10, and 7% for the alloys containing 0.55, 2.2, and 5.5%Mg, respectively), with the mere exception of the results for 0.5%Mg at 573 K, where the average error reaches 22% ( Figure 7) . As a matter of fact, at 573 K and at the highest strain rates at 623 K, the reduced drag stress, as calculated by Equation (21), is extremely low, since the stress is far above σ * ba . In this condition, isolated atoms can still retard dislocation motion, an effect that has not been considered in the model, leading to the overestimation of the strain rate in the lower temperature regime. With this notable exception, it can thus be concluded that the basic model presented here can be successfully used to predict, with more than reasonable accuracy, the hot workability response of Al-Mg alloys in the temperature regime between 550 and 850 K, without requiring any best fitting of experimental data. Thus, the predictive capability of the model is fully confirmed, suggesting that it could be profitably used in hot working studies. Compression data for 0.55%Mg [28] and creep data for 0.48%Mg [4] . The model curves were calculated by Equations (10)- (11), (21)- (24) . [28] and creep data from [1, 29] . The curves were calculated as in Figure 9 . Figure 11 . Compression data for 5.5%Mg [28] and creep data from [1, 30] . The curves were calculated, as in Figure 9 .
Conclusions
A unified approach has been presented to describe the high-temperature secondary strain rate dependence on applied stress and temperature for Al-Mg single-phase solid solution alloys in creep and hot working conditions. The physically based constitutive equations proposed contain three important parameters: internal stress, which represents the stress that is required to move a dislocation in the matrix, the strengthening contribution due to solute atom-dislocation interactions (drag stress), and the strain hardening constant C L , which, in combination with free dislocation density, determines the dislocation mean free path. Once the effect of break-away of dislocations from solute atmospheres has been described by a specific relationship, the model proposed does not require any variation in the constitutive equations to describe the whole experimental range of steady-state creep rate, nor data-fitting, which is a notable advancement over other phenomenological equations.
